The addition of silicon to hydrogenated amorphous carbon can have the advantageous effect of lowering the compressive stress, improving the thermal stability of its hydrogen, and maintaining a low friction coefficient up to high humidity. Most experiments to date have been on hydrogenated amorphous carbon-silicon alloys (a-C 1Ϫx Si x :H) deposited by rf plasma enhanced chemical vapor deposition. This method gives alloys with sizeable hydrogen content and only moderate hardness. Here we use a high plasma density source known as the electron cyclotron wave resonance source to prepare films with higher sp 3 content and lower hydrogen content. The composition and bonding in the alloys is determined by x-ray photoelectron spectroscopy, Rutherford backscattering, elastic recoil detection analysis, visible and ultraviolet ͑UV͒ Raman spectroscopy, infrared spectroscopy, and x-ray reflectivity. We find that it is possible to produce relatively hard, low stress, low friction, almost humidity insensitive a-C 1Ϫx Si x :H alloys with a good optical transparency and a band gap well over 2.5 eV. The friction behavior and friction mechanism of these alloys are studied and compared with that of a-C:H, ta-C:H, and ta-C. We show how UV Raman spectroscopy allows the direct detection of Si-C, Si-H x , and C-H x vibrations, not seen in visible Raman spectra.
I. INTRODUCTION
Amorphous carbon-silicon alloys (a-C 1Ϫx Si x ) and hydrogenated carbon-silicon alloys (a-C 1Ϫx Si x :H y ) are of interest both in the Si-rich and C-rich composition range. The Si-rich alloys have a wider band gap than a-Si:H and are widely used as p-type window layers in a-Si:H based solar cells. [1] [2] [3] However, the addition of carbon worsens their photoelectronic properties, such as photoconductivity, because it increases the density of electronic defect states. This deterioration can be minimized by H dilution. 4 The C-rich alloys are also of interest as luminescent materials. 5, 6 The C-rich alloys are of interest as mechanical coating materials. A-C:H films with a significant fraction of C-C sp 3 bonding are referred to as diamond-like carbon ͑DLC͒. [7] [8] [9] This material is very useful as a hard protective coating due to its high hardness, low friction coefficient, 10 and good chemical stability, which derive directly from its sp 3 bonding. However, the use of DLC as a coating material is limited by three factors. First, it has a large compressive stress, 11 which limits the maximum thickness. Second, the low friction coefficient only occurs at low humidity; 12, 13 it rises to 0.4 -0.6 at a humidity of 50%. Third, thermal stability can be poor. 14 The addition of Si to a-C:H has the beneficial effect of reducing the grown-in compressive stress, improving the thermal stability, and maintaining the low friction coefficient of a-C:H to a higher relative humidity. [15] [16] [17] [18] [19] [20] [21] [22] [23] [24] The compressive stress of DLC arises from the deposition process itself, from the physical ion bombardment or subplantation used to create the metastable sp 3 bonding. 25, 26, 11 The stress is therefore intrinsic to DLC produced in this way. It was realized that addition of Si to a-C:H could promote sp 3 bonding by chemical means, rather than physical ion bombardment, and so it might not be accompanied by a compressive stress. Of course, Si-C bonds are not as strong as C-C bonds, so the benefits require that Si addition create enough C sp 3 sites. The second problem is the thermal stability of H. Although sp 3 bonding is metastable, the H-free high sp 3 tetrahedral amorphous carbons (ta-C) can be stable in vacuum up to 1100°C. 27, 28 The thermal instability of a-C:H arises mainly from the instability of its bonded H. 14, 29, 30 The H starts to move around the network at about 350°C and can evolve at 350-600°C, depending on the quality of the a-C:H and on the vacuum conditions. The H evolution leads to a loss of sp 3 bonding, and its desirable mechanical properties. Si addition is found to raise the H evolution temperature up to 700°C. against oxides used in magnetic tapes such as Cr 2 O 3 , for which hardness over 30 GPa is needed.
The low fraction of C-C bonding arises because in a capacitively coupled rf PECVD reactor, only about 10% of the film-forming species are energetic ions, which directly promote the sp 3 bonding. 35 The rest are neutral species with no energy, and these do not promote sp 3 bonding. It is necessary to use high plasma density reactors to deposit a-C or a-C:H films with a much higher ionized fraction of incident species. 36 Examples of high plasma density reactors are cathodic arcs, inductively coupled sources, electron cyclotron resonance sources, the plasma beam source, 36 and the electron cyclotron wave resonance ͑ECWR͒ source as used here. 37, 38 Such sources give rise to a-C or a-C:H with a much higher C-C sp 3 bonding fraction, which are called ta-C or ta-C:H, respectively. 26, 35 These films have much larger densities, elastic moduli, and hardnesses. 36, 39, 40 This article describes the preparation and the structural, optical, and tribological properties of the Si alloys of ta-C:H.
II. EXPERIMENT

A. Deposition
The ECWR 37,38 is a 13.6 MHz single turn, inductively coupled source, see Fig. 1 . A transverse magnetic field is generated via the Helmholtz coils and it splits the electromagnetic waves into two circularly polarized waves. The right-hand polarized wave is no longer reflected by the plasma, but is strongly coupled to the bulk plasma. This allows an efficient power transfer from the rf into the plasma, and enables the formation of a plasma density two orders of magnitude or more greater than in a capacitive source. A resonant condition is achieved when a standing wave is set up within the source cross section. 38 A plasma beam exits through a grounded tungsten grid. A rf-excited bias electrode opposite the grid acquires a dc self-bias potential and is used to control the ion energy of the plasma beam.
The films are deposited from a mixture of acetylene and silane onto silicon or quartz substrates at room temperature. The gas flow ratio Rϭ͓SiH 4 ͑sccm͔͒/"͓C 2 H 2 ͑sccm͔͒ ϩ͓SiH 4 ͑sccm͔͒… is varied from 0 to 1 to produce a-C 1Ϫx Si x :H y alloys ranging from ta-C:H to a-Si:H. All the other deposition conditions were kept fixed. The operating pressure of ϳ1.2ϫ10 Ϫ3 mbar was maintained by a turbomolecular pump with a pumping speed of 1600 l/s. The rf power was 285 W, and the voltage and current across the Helmholtz coils were 4.7 V and 980 mA, respectively, which gave an ion energy of ϳ150 eV for a pure C 2 H 2 plasma. 38 The ion energy distribution of the pure C 2 H 2 plasma was measured by Faraday cup and is relatively sharp at this low pressure because there are few collisions in the plasma sheath. 38 The films were deposited at room temperature because this work focuses on C-rich alloys with primarily mechanical applications, and higher deposition temperatures can lead to more C sp 2 bonding. On the other hand, the electronic properties of the Si-rich alloys would be improved by using a higher deposition temperature.
B. Characterization
The deposited films were characterized in terms of their structural, mechanical, and optical properties. The film thickness and refractive index were determined by ellipsometry at 633 nm. The films are about 35-65 nm thick. The film stress was determined using Stoney's equation. The surface curvature of the Si substrate, before and after deposition, was measured by profilometry. The optical gap ͑E 04 and Tauc͒ and the complex refractive index were measured with a UVvisible spectrophotometer.
The chemical bonding within the films was determined by using Fourier transform infrared spectrometry ͑FTIR͒. The C/Si ratio in the films and the H content were determined by a combination of x-ray photoelectron spectroscopy ͑XPS͒, Rutherford backscattering ͑RBS͒, and elastic recoil detection analysis ͑ERDA͒. The density of the films was determined by x-ray reflectivity ͑XRR͒. The XRR curves were measured on a Bede Scientific GIXR reflectometer, with a Bede EDRA scintillator detector using monochromatized Cu K␤(ϭ1.3926 Å) radiation. The structure of the films was also studied by a combination of visible and UV Raman spectroscopy. Visible Raman spectra at 514.5 nm were collected on a Renishaw micro-Raman 2000 spectrometer. UVRaman spectra at 244 nm were collected on a UV-enhanced charge coupled device ͑CCD͒ camera on a Renishaw microRaman system 1000, modified for use at 244 nm with fused silica optics. The sp 3 fraction was derived by electron energy loss spectra ͑EELS͒. EELS measurements were carried out on a dedicated VG501 scanning transmission electron microscope fitted with a spectrometer with a McMullan parallel EELS detection system. 40 Friction measurements were performed for 2 h on a ballon-disk tribometer. Stainless steel balls ͑AISI 52100, 6.35 mm diameter͒ were used during the tests, which were conducted both in air and under a controlled humidity environment ͑from 10% to 80% relative humidity͒. A load of 2N was applied, corresponding to a Hertzian contact pressure of 370 MPa. A sliding speed of 0.5 cm/s was used in each measurement. A second series of friction measurements were performed with DLC-coated steel balls. For this an a-C:H layer was deposited by a PECVD system at 200 W and 100 mTorr pressure. In these conditions a typical diamond-like a-C:H is obtained on Si with a Tauc gap of ϳ1.5 eV. Figure 2 shows the variation of the silicon atomic fraction, Si/͑SiϩC͒, and hydrogen content in a-C 1Ϫx Si x :H y alloys as a function of the gas flow ratio R. It can be seen that the Si content increases slowly until Rϳ0.6 and it then increases strongly thereafter. The stoichiometric composition xϭ0.5 corresponds to a flow ratio of Rϳ0. 75 . This is consistent with the optical gap data discussed in Sec. III F. This is an unexpected result in that C seems to be more readily incorporated than Si in the deposited film. The incorporation efficiency of C is low in a-C 1Ϫx Si x :H y alloys produced by conventional rf-PECVD from methane/silane mixtures [41] [42] [43] [44] [45] [46] because methane possesses both a higher ionization energy and higher dissociation energy than silane. An extreme form of this behavior is seen at low rf powers by Solomon et al. 46 In contrast, high plasma density reactors with a high electron temperature and plasma density allow a high dissociation of both precursors, and this usually gives a relatively linear dependence of film composition on gas flow ratio. Typical examples of this behavior are found in the ECR deposition of a-C 1Ϫx Si x :H y alloys found previously by Conde et al. 47 and Yoon et al. 48 To understand our result further, the plasma was analyzed by optical emission spectroscopy ͑OES͒. Figure 3͑a͒ compares the emission spectra for various R values. The spectra show a high degree of dissociation in the plasma, through the appearance of the SiH, CH, C 2 , and H ␣ bands at ϳ410.9, 428.6, 513.3, and 656.2 nm, respectively. 49 Assuming that species concentrations are monotonically related to emission intensities, the data in Fig. 3͑b͒ indicate that the active Si/C ratio in the plasma rises substantially for flow ratios R above 0.6. This is also where the incorporation efficiency of Si increases strongly. As the activation energies for dissociation and ionization of silane are lower than those of acetylene, 50 it is likely that the deactivation of silicon containing precursors in the gas-phase occurs by dimerization ͑e.g., SiH 3 ϩSiH 3 →Si 2 H 6 ͒. As the residence time and mean free path are both very low in our reactor ͑ϳ0.8 ms and ϳ10 cm͒, these reactions provide a thermodynamically accessible route 51 to fewer active silicon species in the plasma. Furthermore, thermodynamics indicate that the formation of C-C bonds are favored over the formation of either Si-C or Si-Si bonds at the surface. Hence significant levels of Si incorporation are only possible when the active silicon content in the plasma is significantly greater than that of the active carbon precursor species.
III. RESULTS AND DISCUSSION
A. Film composition
The hydrogen content in the films remains almost constant at 30%-40% and is independent of x, Fig. 2͑a͒ . This is similar to the results of Camargo et al. 23 It contrasts with the variation found for films deposited by conventional PECVD, where the H content increases strongly in C-rich films. 52 The high H content in PECVD films is due to the incorporation of C as CH 3 groups, 46 while Si is incorporated as SiH or SiH 2 groups. The CH 3 radical is the dominant hydrocarbon radical in rf-PECVD methane plasmas. 53 We used acetylene (C 2 H 2 ), which gives films with less H because the carbon is not incorporated mainly as-CH 3 . 43, 54 As the electron temperatures and plasma densities are so high in ECWR plasmas, significant concentrations of atomic H have previously been found when using either hydrocarbon or silane precursors. Hence reasonable levels of H incorporation can be expected, irrespective of the gas flow ratio used, if a super-equilibrium of atomic hydrogen exists in the gas phase. The high H content of our Si-rich alloys is because the deposition is carried out at room temperature, in contrast to most others. Figure 4 shows the variation of the deposition rate with gas flow ratio R. The rate decreases slightly from 7.5 to 4.5 Å/s with increasing R. Our result is similar to the deposition rate reported by Oguri et al. 15, 16 and Gangopadhyay et al., 22 but it is 5-10 times higher than for the ECR deposited films of Conde et al. 47 The trend of our deposition rate is opposite to that of Conde et al. 47 and Jiang et al. 43 for PECVD films, where the deposition rate increases with R. The decrease in deposition rate with increasing R in our work could arise from a number of factors. It may reflect the lower incorporation efficiency of Si compared to C in our films. Alternatively it may be due to more etching/sputtering reactions because of the lower strength of Si-C than C-C bonds.
B. Growth rate
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C. X-ray reflectivity
Grazing incidence x-ray reflectivity ͑XRR͒ is an efficient, nondestructive, parameter-free means to measure the mass density of thin films. 40 The refractive index of x rays in solids is slightly less than unity, so external reflection occurs at low angles of incidence. As the grazing incidence angle increases above a critical angle c , x-rays start to penetrate in the film. XRR measures the intensity reflected in the specular direction as a function of the grazing incidence angle.
The critical angle, c , of total external reflection of x rays from a material with elements j of molar masses M j and density j is given by
where is the x-ray wavelength ͑1.3926 Å in our experiment͒, r 0 ϭe 2 /4 0 m e c 2 is the electron classical radius, m e is the electron mass, N A is the Avogadro number, and f j includes dispersive and absorptive corrections. 40 We previously gave a formula to derive the density from the critical angle for films composed of carbon, hydrogen, and nitrogen. 40 For a-C 1Ϫx Si x :H y alloys we must consider carbon, hydrogen, and silicon:
where is the overall mass density. We have
, and f Si Ј Ϸ0.28 ͑in electron units͒. 55 Thus we neglect dispersion corrections except for Si. As X H ϭ1ϪX C ϪX Si , we have
where e is the electron charge and 0 is the dielectric permittivity of vacuum. Figure 5 plots density ͑Ϯ0.1 g/cm 3 ͒ vs R. We see that after an initial decrease of ϳ10%, the density remains at ϳ2.1 g/cm 3 up to Rϭ0. 8, xϭ0.6 . This would suggest that the mechanical properties do not significantly decline with respect to the as -deposited ta-C:H. Note that the density of our a-Si:H is small due to the high H content.
XRR gives also the layering, thickness, and roughness of the films. The roughness is about 5-7 Å. A lower density surface layer of ϳ1-2 nm is found up to Rϭ0.7, but this layer becomes thinner at higher R, and is not detectable for Rϭ1. This is an interesting result. An outer layer is commonly found in amorphous carbons. 26, 40 This arises directly from the deposition mechanism known as subplatation, in which the films grow from energetic ions by subsurface growth, thereby creating a less dense outer layer. The fact that the outer layer declines for increasing R confirms that Si is tending to promote sp 3 bonding in a-C:H by chemical means, rather by the physical subplantation mechanism. This physical ion bombardment is the main cause of stress build up in amorphous carbons. We thus expect a lower stress with higher Si content and this is observed in Sec. III G.
D. Infrared absorption
FTIR gives valuable information on the local bonding. The spectra of a-C 1Ϫx Si x :H y alloys broadly consist of three regions:
1,44,47,56 -60 the C-H bond stretching modes around 3000 cm Ϫ1 , the Si-H stretching modes around 2000 cm Ϫ1 , and the Si-C stretching and Si-H n bending modes below 1600 cm
Ϫ1
. Figure 6͑a͒ plots the spectra in the low wavenumber region. The features here are Si-C, C-C, and Si-Si stretching modes, together with bending modes of C-H and Si-H groups. The spectra consist of a main broad band at 770 cm Ϫ1 with a shoulder at ϳ980-1000 cm Ϫ1 , slightly upshifting with decreasing R. The intensity of the 770 cm Ϫ1 band has a maximum at Rϭ0.8 or xϳ0. 5-0.6 . This band is completely lost at xϭ1, where there is the ϳ650 cm Ϫ1 band, due to the SiH n bending modes, 56 and the characteristic bending doublet at 845-890 cm Ϫ1 . 56, 57 The mode assignment in this region has been controversial. Based on Sialkane molecules, Wieder et al. 57 assigned the 670 cm
mode to Si-C bond stretching and the 780 cm Ϫ1 mode to Si-CH 3 wagging. However, the Si-C stretching mode occurs at ϳ 780 cm Ϫ1 in sputtered a-SiC and in annealed SiC, 1 so the assignments are not clear-cut and it is possible that the two bands could intermix. 44 For our spectra, it is important to note that the high dissociation means that CH 3 groups are unlikely to be present in high amounts. Our spectra are notably broad and bandlike, rather than sharp and molecularlike as in Tawada et al. 2 Thus the 770 cm Ϫ1 band can be assigned here to Si-C. The band at ϳ 980-1000 cm Ϫ1 is usually assigned to wagging vibrations of CH n bonds in Si-CH n groups. 1, 44, 47, 57, 59 Figure 6͑b͒ shows the high frequency part of the infrared spectra, with the Si-H stretching modes around 2000 cm Ϫ1 and the C-H x modes around 3000 cm Ϫ1 . A detailed analysis of the 2800-3100 cm Ϫ1 band shows that it changes with R. For Rϭ0, in ta-C:H, the band peaks at ϳ 2900 cm Ϫ1 , corresponding to sp 3 C-H stretching modes and at ϳ3065 cm Ϫ1 due to sp 2 C-H bond stretching. 54 The latter band disappears for RϾ0.2 or xϭ0.07. At the same time, the lower frequency band gains intensity at ϳ2870 cm Ϫ1 due to sp 3 CH 2,3 symmetrical stretching modes 54 and becomes the main C-H stretching band left for Rϭ80%, xϭ0.5-0.6. Since the total amount of H is roughly constant and the intensity of this band for Rϭ0.8 is very small, we assume that a significant fraction of C is bonded only to Si atoms. This confirms that Rϭ0.8 films are quite chemically ordered, and have the highest Si-C bonding and high sp 3 content, consistent with the high optical gap, as discussed in Sec. III F. A similar trend in the Si-C and Si-H vibrations is seen in the UV Raman data discussed in Sec. III E.
The intensity of the Si-H modes is seen to increase with increasing x, as expected. In our a-Si:H, the SiH band is dominated by the modes of the SiH 2 group at ϳ2090 cm Ϫ1 , with a very small contribution at ϳ2000 cm Ϫ1 due to the SiH group. 56 We thus fitted this band with a single Lorentzian. The position of this peak shifts to higher wave numbers with increasing C content ͑Fig. 7͒. This shift is due to the induction effect of substituting neighbors of higher electronegativity into the a-Si:H network. 60 Carbon has a higher electrone- FIG. 6 . ͑a͒ Low frequency FTIR spectra of a series of samples with increasing R. ͑b͒ High frequency FTIR spectra of the same samples. Note that our FTIR spectra were measured in air. The sharp peak at ϳ670 cm Ϫ1 is due to atmospheric CO 2 ; no useful information could be obtained in the 1200-2000 cm Ϫ1 region due to the prominent water vapor contribution.
gativity than Si, and so attracts electrons from it, which shortens the Si-H bond and increases its vibrational frequency. 60 It should be noted that the thermal stability of ta-C:H is already much better than that of a-C:H, with hydrogen evolution occurring at 700°C, 54 ,61 rather than 400-600°C.
14 This is due to the denser network of ta-C:H. Thus Si addition is not likely to further improve the stability, unlike in a-C:H itself.
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E. Raman spectroscopy
The Raman spectra provide valuable information on the alloy structure. The visible Raman spectra for various compositions are shown in Fig. 8͑a͒ . The spectra of C-rich alloys are dominated by the G peak of the C-C network at around 1530 cm Ϫ1 with a weaker shoulder known as the D peak at 1350 cm
Ϫ1
. The G peak is due to the bond stretching of sp 2 carbon atom pairs, while the D peak is due to breathing modes of aromatic clusters. 62 The sharp first and second order Si peaks are due to the Si substrate, while in Si-rich alloys the Si-Si peak at 490 cm Ϫ1 of the a-Si network is superimposed to the substrate signal.
The 514 nm Raman spectra of the C-rich alloys are dominated by the C sp 2 sites, which have a 50-230 times higher Raman scattering efficiency than the sp 2 sites. 62 They give information mainly on the configuration of the sp 2 sites and the size of the sp 2 clusters. 62 This is only indirectly related to other factors such as the sp 3 content. In a-C:H, the G peak downshifts with increasing gap and sp 3 content, from 1580 to about 1520 cm Ϫ1 for excitation at 514 nm. In a-C:H this is due to its increasingly polymeric nature, since the higher sp 3 content is achieved by a higher H content.
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In a-C 1Ϫx Si x :H y , the G peak shifts down more strongly, reaching 1410 cm Ϫ1 for Rϭ0.8, xϭ0.5-0.6. This almost linear shift with increasing Si content is a typical signature of a-C 1Ϫx Si x :H y . This was first seen by Gorman and Solin 63 and Ramsteiner et al. 64 and then by many others. 41, 59, 65 This downshift is attributed to the lowering of CvC vibration modes by the heavier Si atoms in the C network. This effect must dominate the effect of any further localization of the sp 2 phase due to Si, which would tend to raise the G peak. 62 An additional cause of downshifting could be the electron excess on the more electronegative C atoms linked to Si, resulting in weaker CvC bonds with lower vibrational frequencies.
To derive further information from the spectra, we analyzed them by fitting a Breit-Wigner-Fano ͑BWF͒ for the G peak, and Lorentzian for the D peak. The Lorentzian is a symmetric line shape, but the BWF can be skewed. We take the peak position of the BWF at its maximum rather than at its center. tation. The as-deposited ta-C:H films still show a small D peak, but this decreases rapidly with increasing x, falling to zero at Rϭ0. 5 
. This is reflected in the decrease of the ratio I(D)/I(G). This occurs because increasing Si content opens up the remaining rings of C sp
2 sites, creating a olefinic sp 2 structure with a higher optical gap. 62 The UV Raman spectra of DLCs are important because UV photons directly excite the sp 3 sites. 66, 67 Figure 8͑b͒ shows the UV Raman spectra of our films. The UV spectra are significantly different than those for visible excitation. The spectrum of ta-C:H has three main contributions: The G peak, the D peak, and a T peak at ϳ980 cm
Ϫ1
. The T peak, seen only for UV excitation, is due to the resonant enhancement of the states and directly probes the C-C sp 3 bonding. The intensity ratio of the T and G peaks can be used to estimate the sp 3 fraction. 68 For Rϭ0, I(T)/I(G)ϭ0.14, which indicates an sp 3 content of ϳ70%, 68 as is confirmed by direct EELS measurements.
The shift of the G peak in UV Raman is very important. If it rises above 1600 cm
, it indicates that the sp 2 sites are predominantly in short chains and not in rings. 68 However, in a-C 1Ϫx Si x :H y alloys damping effects of Si atoms dominate. The decrease of the I(D)/I(G) ratio in visible and UV Raman means that Si reduces aromatic clusters, and this would tend to raise the G peak in Si-free films, 62 in contrast to the observed lowering in the a-C 1Ϫx Si x :H y alloys. Figures 9͑b͒ and 9͑c͒ show that the downshift of the G peak with increasing R in UV Raman spectra parallels the shift in visible Raman spectra, the G peak being ϳ70 cm Ϫ1 higher in UV Raman spectra than in the 514.5 nm Raman spectra. This suggests that the C sp 2 sites have a unique configuration at a given Si content, as a different distribution of C sp 2 clusters would give a different trend in the UV and visible Raman spectra. 68 Indeed, neglecting the effect of Si mass, Raman ⌬G͑UV-visible͒ would increase with R for less sp 2 clustering. 68 This may allow the Si/C ratio to be directly derived from the Raman parameters, combining Figs. 2 and 9. 41 Hence we can assert that the C-C sp 2 content does not increase with Si addition. This is confirmed by EELS measurements that give an almost constant sp 3 fraction of ϳ70% up to Rϭ0. 4 .
A new result from our UV Raman measurements is that all the bonds become visible and we can now clearly detect Si-C, Si-H, and C-H bonds. Indeed, the band at 2100 cm Ϫ1 can be identified with the Si-H 2 stretching modes seen in FTIR. For simplicity we fitted this band in FTIR spectra and UV Raman spectra with a single Lorentzian. Figure 7 plots the position of this peak vs R, as derived by UV Raman and FTIR spectra. The good agreement of peak positions and redshift with increasing R between FTIR and UV Raman data confirms our assignment of this band in UV Raman spectra to Si-H 2 stretching modes.
The broad feature at 500-1000 cm Ϫ1 in UV Raman spectra is difficult to analyze at high R as it contains contributions from C-C sp 3 bonds, SiH n bending modes, and Si-C modes. However, as the band's intensity does not decrease with respect to the G peak, this also indicates that the overall sp 3 content of our films does not fall at large R. Figure 10͑a͒ compares the FTIR spectrum and the UV Raman spectrum of the a-Si:H film. The correspondence of the ϳ650 cm Ϫ1 peak allows us to identify it as SiH n bending in UV Raman spectra. Figure 10͑b͒ compares the FTIR spectrum and the UV Raman spectrum of the sample with R ϭ0.8, xϭ0.5-0.6. Apart from the 650 cm Ϫ1 peak, the UV Raman spectrum shows two extra peaks at ϳ760 and ϳ950 cm
. These two peaks can be identified as peaks in the phonon density of states of SiC, 69 which should be seen in a-SiC. Extremely weak peaks are sometimes seen in this region for visible Raman in a-SiC, [70] [71] [72] but usually nothing is seen. 73, 44 This is due to the small cross section of Si-C in visible excitation. Note that the correspondence between the UV Raman and IR spectrum for Si-C vibrations is lost in this case, due to the different Raman and IR cross sections of the modes contributing to this spectral region. This is also reflected in the inversion of the intensities in the 500-1000 and 2100 cm Ϫ1 regions, with the Si-H 2 stretching modes more intense in the UV Raman spectra than the IR ones. Further studies are needed to define how to properly deconvolute the contributions in the 500-1000 cm Ϫ1 region of the UV Raman spectra for all the different C/Si compositions.
UV Raman spectra also detect C-H stretching modes. 68 Figures 11͑a͒ and 11͑b͒ compare the FTIR and UV Raman spectra in the 2900 cm Ϫ1 region for films at Rϭ0, 0.4, and 0.8. The spectra shapes and the peak trends are similar. In addition UV Raman spectra show the 2G peak at least for low R. Figure 11 confirms the analysis of Sec. III D, that the main contribution for low R is the sp 3 C-H stretching mode, and the sp 3 CH 2,3 stretching mode at lower frequency becomes dominant at higher R. Figure 12 shows the variation of the refractive index n with gas flow ratio. The refractive index remains at 2.2 until Rϳ0.6, then increases towards ϳ3.2, typical of a-Si:H. The refractive index is similar to that of ta-C:H ͑Ref. 36͒ for R Ͻ0.8, xϽ0.5-0.6, and the main increase occurs in Si-rich alloys. The relationship between the refractive index and the Si/C ratio is not linear as reported by Jiang et al., 43 so the refractive index is not such a good indicator of the film composition as was asserted there. Figure 13 shows the optical gap ͑E 04 and E Tauc ͒ as a function of R. E 04 starts at ϳ2.25 eV, typical of ta-C:H, remains constant for R in the range from 0 to 0.3, and then rises to a maximum of ϳ3.25 eV for Rϭ0.7-0.8, corresponding to xϳ0. 4-0.6 , before decreasing towards values typical of a-Si:H. This is a dependence found by many groups using PECVD. 47, 74, 75 The maximum at Rϭ0.7-0.8 confirms that the stoichiometric composition xϭ0.5 occurs at this gas flow ratio.
F. Optical absorption
The compositional dependence is consistent with the band model of Robertson. 75 The band gap is determined by different states in each composition range. In the C-rich alloys, the gap is determined by the states of C sp 2 sites. The gap depends on the degree of clustering of sp 2 sites, or on the distortion of bonds. Increasing the Si content from x ϭ0 dilutes the amount of C-C bonds and reduces the cluster size, and this increases the band gap. In the Si-rich alloys, the band gap is determined by the Si-Si bond states. Increasing the C fraction replaces Si-Si bonds with Si-C bonds. These have a wider gap than the Si-Si bonds, so they lie away from the band edges. Thus the band gap increases with increasing C content from xϭ1 as the Si-Si bonds are diluted by Si-C bonds. The combination of these two effects causes a maximum in the band gap around xϭ0.5. The maximum lies close to xϭ0.5 when the hydrogen content is con- stant, as here, but it moves to C-rich compositions if the H content rises with C content as in PECVD films. 47, 59, 75 
G. Mechanical properties
A primary reason to study Si alloys is the reduction of stress. ta-C:H films have rather large stress compared to a-C:H because of the larger role of ions in the deposition. Figure 14 shows the stress as a function of R. A stress reduction of ϳ45% is observed for Rϭ10%, with a further fall after Rϭ0.6 to an almost complete stress relief. The initial fall of 45% is similar to that reported by Gangopadhyay et al. 22 for films grown at a fixed bias voltage. The lower stress allows films thicker than 500 nm to be grown at R ϭ0.2 and 0.4, compared to only about 100 nm for ta-C:H itself. This is a very useful improvement. Note that our ta-C:H deposited by ECWR has a much higher stress of ϳ6 -7 GPa than the 1-2 GPa in PECVD diamond-like a-C:H, for which Si alloying was previously studied. 22, 32 The Young's modulus of as-deposited ta-C:H films measured by Brillouin scattering is ϳ300 GPa, 39 with a Poisson's ratio of about 0.3. A hardness of ta-C:H was previously derived as 55 GPa, 36 but this may be an overestimate. Nanoindentation was performed on thick ͑Ͼ500 nm͒ samples grown at Rϭ0.2 and 0.4, and hardness values of at least 15 GPa were found. This is low compared to the original value for ta-C:H itself, and the cause of this is being checked further.
We deposited a series of standard ta-C and diamond-like a-C:H films by filtered cathodic vacuum arc and PECVD, respectively. These films were used to compare the friction behavior for the standard amorphous carbon systems ta-C, ta-C:H, and diamond-like a-C:H, together with the series of a-C 1Ϫx Si x :H y . The friction measurements on all these samples were performed in the same conditions in the same friction rig. Friction measurements at different laboratories can show considerable variation, presumably because of the specific test conditions of load, velocity, surface conditions, etc. Our tests allow a comparison of a wide range of diamond-like carbon films under a particular set of conditions. Figure 15 compares our steady friction coefficients of a-C:H, ta-C, and ta-C:H films measured with a steel ball. The friction coefficient ͑͒ of our a-C:H is seen to increase with increasing humidity, but it does not achieve the very low values of 0.05 at low humidity found by Enke et al., 12 but it is consistent with other authors. 17, 20, 76 The friction coefficient of ta-C is seen to be higher than that of a-C:H at low humidity, but still quite low, 0.23. It then falls slightly with increasing humidity. This behavior is the same as that found for ta-C deposited by laser ablation by Voevodin et al. 33 We see that ta-C:H behaves midway between a-C:H and ta-C. Its friction coefficient is very low at low humidity, rises at higher humidity, but then saturates at about 0.15 at high humidity. Thus ta-C:H without Si already shows excellent friction properties in the range 10%-80% humidity ( ϭ0.06-0.12). Figure 16 shows the friction coefficients of a-C 1Ϫx Si x :H y alloys at three relative humidity values. The friction was measured against both steel and diamond-like a-C:H coated steel balls. We see that the presence of up to 20%-30% silicon (Rϭ0.6) does not greatly affect the friction coefficient. This is true for both types of balls, which is consistent with previous results. 22 It seems therefore that Si addition stabilizes the friction coefficient at roughly 0.1-0.15. This is less than for ta-C at room atmosphere, and is comparable to that obtained with Si in a-C:H. 16, 19 Film failure was observed with ϳ0.6 for RϾ0.5 with steel balls and RϾ0.6 with an a-C:H coated ball, corresponding to films with less carbon. This behavior is similar to that found by other authors. 76, 17 The higher friction coefficient may be due to a more SiC-like surface, which generally shows higher friction. 77 This is consistent with our finding that for RϾ0.6 the homopolar CvC bonds tend to disappear as well as the lower density surface layer. Figure 15 also compares the friction coefficient at different humidity for two a-C 1Ϫx Si x :H y films with a Si content of under 0.2 with those of ta-C, a-C:H, and ta-C:H against a steel ball. The data show that the friction coefficient of a-C 1Ϫx Si x :H y films with xϭ0.1-0.2 are almost independent of humidity in the range studied. This is similar to that found previously for PECVD a-C 1Ϫx Si x :H y alloys:
12-14 a low friction only for Si contents between 0.03 and 0.2.
The different friction behavior of ta-C, ta-C:H, a-C:H, and a-C 1Ϫx Si x :H y films is understood as follows. In a-C:H films at low humidity, wear causes a hydrocarbon-rich microfilm to be transferred to the counterbody of the tribological system. The presence of C:H films on both surfaces now provides a low friction. However, at high humidity there is little film transfer to the counterbody, so the friction coefficient remains high. 33, 78 In ta-C micro-Raman measurements show that wear creates a graphitic wear track and also transfers some graphitic carbon to the countersurface. 33 The graphitic surfaces have a relatively low friction, but not as low as C:H surfaces. A high humidity causes water to intercalate between the graphitic atomic layers and this lowers the friction coefficient. ta-C:H is seen to have good friction properties at all humidities. The good friction performance of ta-C:H at high humidity probably arises because its wear track and transfer layer are more graphitic, as in ta-C, as also indicated by our reflection EELS measurements.
In PECVD a-C 1Ϫx Si x :H y wear creates a layer of hydrated silica which can act as a lubricant in a humid environment. 16, 17 Therefore the residual siloxane ͑Si-O͒ bond plays an important role in the reduction of the friction coefficient of a-C:H in a high humidity atmosphere. 79 In ta-C:H, the addition of Si is not needed to retain a low friction coefficient in humid conditions. In this case, Si causes the friction coefficient to be essentially independent of humidity as seen in Figs. 15 and 16͑a͒ . Perhaps the hydrated silica mechanism is unable to operate in the case of ta-C 1Ϫx Si x :H y , so the alloys do not have such low friction coefficients at low humidity. Figure 16͑b͒ shows the friction coefficient increasing with the humidity, when the steel ball is coated with a-C:H. This increase is due to the worsening of the friction properties of the a-C:H coated ball and does not depend on the a-C 1Ϫx Si x :H y film.
IV. CONCLUSION
This work shows that the ECWR source can be used for the high rate deposition of a-C 1Ϫx Si x :H y alloys, ranging from ta-C:H to a-Si:H. The structural, optical, and tribological properties of these alloys were analyzed. We show how UV Raman spectroscopy allows a direct detection of Si-C, Si-H, and C-H bonds, unlike visible Raman spectroscopy, and is complementary to infrared spectroscopy. The incorporation of Si causes the size of the C sp 2 clusters to decrease and opens C sp 2 rings. Si also reduces the internal compressive stress of the a-C 1Ϫx Si x :H y films compared to ta-C:H. This allows us to deposit films thicker than 500 nm.
This work has shown how ta-C:H films have a low, almost humidity insensitive friction coefficient of ϳ0.05-0.15. A small Si introduction, xϳ0.1, allows a ϳ45% reduction in the stress, while maintaining the low friction and low humidity sensitivity. Coatings with relatively high hardness, low stress, low and humidity insensitive friction, and an optical gap of 2.5 eV can be deposited, satisfying the requirements for a wide range of possible applications.
